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... ABSTRACT 
A relationship has been identified between the 
injection-molded structure of a rubber-toughened 
polyoxymethylene (POM), and it's mechanical properties. The 
material used was a commercially available POM (Dupont 
STlOO) which contained 20-30% of a polyurethane rubber 
within a 50-60% crystalline matrix. These percentages were 
determined through correlation between Dynamic Mechanical 
Spectra, Differential Scanning Calorimetry, density 
measurements and patent inquiry, and were not found to vary 
through the thickness. A strong sensitivity towards the 
development of a core-skin morphology was discovered; 
microscopy and microhardness techniques revealed the skin 
depth to be 1200-microns thick. The skin layer was found to 
consist of individual sheets, 2-4 microns thick, stacked 
parallel to the plaque face. By contrast, the core 
contained spherulites, 100-300 microns in diameter, 
surrounding oriented, discrete, 2-4 micron thick rubber 
rods. 
Morphological differences between the core and skin 
were reflected in their respective mechanical properties. 
Tensile response in the skin was ductile, with elongations 
reaching 300%, while the core exhibited more brittle 
behavior (only 25% elongation). In both regions the yield 
1 
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strength was 45 MPa, a value expectedly reduced from the 
homopolymer (69 MPa). Fatigue crack propagation (FCP) 
., 
response in the skin was found to be superior to that of 
the neat resin; however, the core behavior was a function 
of orientation. A combination of inferior FCP response and 
the noticable presence of a preferred plane of fracture, 
highlighted the significant weakness of the core material 
when loaded in a direction transverse to the direction of 
injection. 
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INTRODUCTION 
Mechanical Properties 
A basic understanding of a material's response to·both 
static and cyclic loading is essential in predicting its 
behavior in a wide variety of applications. Tensile tests 
are used to define critical material parameters necessary 
for part design and manufacture: these include stiffness, 
static yield strength, and percent elongation [ 1-3]. 
Furthermore, the area under a stress-strain curve provides 
some indication of the amount of impact energy which the 
material can absorb prior to f'ailure. Fracture toughness 
tests simulate the behavior of a material which contains 
flaws; they characterize the relation between the applied 
stress, flaw size, and the material's resistance to 
catastrophic fracture [1,2]. The un-notched fatigue test 
simulates the behavior of a smooth bar under cyclic 
loading, and supplies information on crack initiation as 
well as crack propagation. In contrast, notched fatigue 
tests address only the crack propagation portion of fatigue 
life. These fatigue crack propagation (FCP) tests yield 
more conservative data, which are also subject to less 
scatter [2,4]. 
3 
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Furthermore, these mechanical tests can assist in 
predicting the means by which instability (failure) will 
occur [1,2]. Flaw-induced fracture without macroscopic 
deformation defines a brittle failure. If, however, the 
applied strain energy is distributed away from the greatest 
stress concentration (flaw), general yielding will occur 
before the fracture stress is reached, and ductile behavior 
results. Ductile systems are less subject to catastrophic 
failure, but they also possess lower strength levels. In 
polymeric systems, the type of failure is determined by the 
relative predominance of one of two deformation mechanisms: 
shear yielding, involving shear-stress-induced chain 
slippage; and crazing, involving the locallized drawing of 
polymer fibrils into a porous structure. Shear yielding, 
favored by high temperatures, low strain rates, and a 
biaxial stress state is usually diffuse and promotes 
ductile behavior. By contrast, crazing is usually 
concentrated and, therefore, initiates brittle behavior. 
The alternative towards either ductile (tough) or 
brittle behavior is controlled by a material's composition 
and morphology [ 1-3]. In amorphous systems, high 
entanglement densities (or cross-links) prevent diffuse 
t 
" 
shear yielding and embrittle the polymer. By contrast, the 
individual chains within crystalline lamellae are not 
entangled and easily unravel, thereby improving the 
4 
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ductility of semicrystalline systems. Morphologically, the 
radial symmetry of the spherulitic lamellae creates 
mechanical isotropy; however, increasing the spherulite 
size embrittles the polymer system [1,5]. Furthermore, • in 
highly-drawn and row-nucleated semicrystalline systems, the 
ordering of the covalently-bonded polymer chains greatly 
' ( 
strengthens the polymer along the chain direction. Howe,}er, 
./ 
,6l)P 
• .,r 
the properties of these oriented structures are anisotropic 
[1,6]. 
The addition of second phase particles also affects 
the failure mode of a polymer system (1-3]. These 
particles, if large enough to act as effective stress 
concentrators, can initiate widespread shear yielding 
and/or crazing. This spread of damage prevents the stress 
around any one flaw from building too quickly to a 
catastrophic level, and ductile behavior at reduced 
stresses results. Nevertheless, particles which are too 
large and coarsely distributed may initiate concentrated 
crazing; this situation will lead to brittle behavior. It 
should also be noted that alignment of high aspect-ratio 
particles may cause the mechanical properties of these 
multi-phased polymers to be anisotropic [2-4,7]. This 
anisotropy is due to a combination of factors, including 
reactions at the particle-matrix interfaces, and the 
5 
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dependance of the stress condentration factor on the 
orientation of the second phase. 
Processing-Structure Relations 
It is apparent that compositional and morphological 
control is required to optimize the resultant mechanical 
properties o·f a polymer. However, while compositional 
control may be easily obtained, a material's morphology is 
usually determined by the processing technique utilized. In 
polymer systems, one of ~he most common fabrication methods 
is injection molding. This technique, while very simple in 
operation, subjects the polymer to a complex environment of 
stresses and thermal gradients (8-10]. 
During injection, a velocity profile develops through 
the thickness due to the pressure drop between the injector 
and the emp~y cavity (Figure 1). This velocity profile 
establishes both a spreading flow front at the melt/air 
interface, and a shear stress gradient within the melt. 
Tadmor [10] noted that the material immediately adjacent to 
the mold wall is deposited from the spreading flow front. 
This front is pinned to the walls at both ends and fed by 
the rapidly moving material in the center. surface tension 
forces along this front elongate these molecules, so that 
when they are deposited, they appear aligned in the 
J 6 
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Figure 1. 
Simple model for the environment experienced by the polymer 
melt during injection molding. Depicts velocity gradient 
due to pressure differential, and the consequent flow front 
and shear stress gradient. Model also depicts the decay 
of the thermal gradient. 
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direction of injection. Behind the flow front and away from 
the mold walls, molecular distortion occurs from the shear 
stresses. Nonetheless, either by elongational or shear 
stresses, the polymer molecules become distorted during 
flow, with greater distortion present nearer the mold 
walls. 
Simultaneously, a thermal gradient is established 
between the cold mold walls and the hot melt; this gradient 
decays very slowly because of the high heat capacity and 
low thermal conductivity of most polymers. Since the 
cooling rate near the mold wall is much faster than at the 
center, the material near the mold wall flash freezes in 
its distorted condition. In the center, the very slow 
cooling rates permit Brownian relaxation to occur, and the 
molecules appear randomly oriented. 
Although the demarcation between the two regions is 
somewhat arbitrary, the area near the surface which retains 
frozen-in molecular orientation defines the skin, while the 
area of random isotropy at the center is known as the core. 
Due to the complex nature of this environment, the 
following variables affect the depth of the skin: 
processing parameters, notably pressure, injection rate, 
and the difference between mold vs melt temperatures; and 
instrinsic polymeric properties, chiefly viscosity, thermal 
8 
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conductivity and heat capacity (8-10]. 
Morphological Observation 
This core-skin morphology has been detected in a 
variety of polymer systems including amorphous [8,11-15], 
semicrystalline [9,16-25], short fiber reinforced (26-29] 
and rubber toughened resins [30-33]. In the skin of 
amorphous plastics, the polymer chains are preferentially 
aligned along the injection direction (ID), with consequent 
anisotropy in the mean end to end distances of their random 
coils. In the amorphous core, the coils are completely 
isotropic. In the skin of semicrystalline systems, 
injection flow deposits, along the ID, completely aligned 
tie-fibrils. These tie-fibrils serve as nuclei for the 
subsequent growth of ordered lamellae. An example of this 
,, 
''row nucleated'' (shish-kebob) structure is shown in figure 
2.· In the semicrystalline core, an equilibrium, spherulitic 
structure is observed. In some semic~ystalline systems a 
transcrystalline region also exists between the row 
nucleated and completely spherulitic zones. This region is 
highlighted by the presence of oriented spherulites growing 
in the direction of heat flow towards the mold walls. 
9 
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(a) (b) 
Figure 2. 
Microstructures of injection-molded, semicrystalline polymer 
systems. (a) Spherulitic structure found in the core [65]. (b) Row-nucleated structure found in the skin (6]. 
Another consequence of this complex, injection-molded 
environment is the alignment of second phase particles. 
Short glass fibers a~e often found to be oriented along the 
ID in the skin, and oriented normal to this direction in 
the core (Figure 3) [26-29]. Elongational and shear 
stresses may also elongate, in the direction of flow, 
rubber particles which were originally spherical. In the 
skin, these stretched particles become broken into 
necklaces; in the core, sufficient heat is usually 
available to permit them to return to their spherical 
equilibrium state [30-33]. Note, however, that rubber 
particles which were originally rod-like, may remain in an 
aligned configuration permanently. 
17 
Morphological Detection Methods 
A variety of detection methods have been used to 
examine injection molded morphologies. In amorphous 
systems, where no clearly definable structure exists, 
birefringence analysis is best suited for determining the 
presence--or lack of--long-range order of the polymer 
chains [8,13-15]. This technique relates the fractional 
transmittance of cross polarized light to the relative 
orientations of the interfering chains. In semicrystalline 
systems, oriented structures may be located more directly 
.. 
by X-ray diffraction [20,21,24]. In systems possessing 
11 
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Velocity 
profile 
Figure 3. 
• 
Skin 
Fiber orientations within the core and skin 
of injection-molded short-fiber-reinforced composites [2]. 
c.,~ 
•• 
discrete structures, however, simple metallographic 
analyses of polished and fractured specimens are more 
econ~mical to perform. Acid etching preferentially removes 
the amorphous material in semicrystalline systems, 
highlighting their spherultic and row-nucleated structures. 
In toughened polymers, either staining with Osmium or 
Rhuthenium Tetroxide, or solvytic extraction can be 
performed. Both methods will reveal the location of the 
second phase rubber particles. Samples, treated by these 
methods, can be examined with either light-optical or 
electron microscopes . 
. One method of mechanically mapping the microstructure 
is through hardness tracing [23,24,34-39]. Microhardness 
testing involves the application of a very small load (gms) 
via a diamond indenter onto the surface of a polished 
sample. The resultant indentation, measured through a 
microscope and converted into a Hardness number, is very 
small (50-200 microns) and only deforms the local 
morphology. Thus, variations in the sizes of these 
indentations indicate changes in local microstructures. 
Furthermore, a morphology which possess an anisotropic 
resistance to deformation, may cause anisotropy in the 
microhardness readings. With a Vickers indenter, the 
impression may change from a square shape in an isotropic 
material to a diamond configuration in an oriented 
13 
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material. With a knife-like Knoop indenter, the presence of 
an oriented morphology will promote anisotropy in the 
measured lengths of separate orthoganal indentations. 
Mechanical Properties of Injection Moldings 
All injection mbldings possess this core-skin 
morphology. Therefore, the ratio and individual properties 
of these two regions control a molding's overall mechanical 
behavior [16-22,25,28,30,40-42]. For example, in neat 
semicrystalline moldings, increasing the fraction of tough, 
row-nucleated skin increases the overall toughness [20,21]. 
This dependence of mechanical properties on the core/skin 
ratio implies that information gathered from thin 
injection molded tensile bars may over-estimate the 
properties of thick, compression molded parts, thereby 
leading to non-conservative design assessments. 
Understanding the relationship between the core-skin 
morphology and mechanical properties of a particular 
polymer system is, therefore, essential before laboratory 
data can be incorporated into part design. 
14 
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Objectives - (Rub~er Toughened POM) 
It is, ·i therefore, of both academic and industrial 
interest to study the core-skin morphology of a material 
which posseses both crystalline and rubber phases. From the 
large select-ion of these materials, rubber-toughened 
polyoxymethylene (HI-POM) is among the newest and least 
understood, and an excellent candidate for analysis. The 
HI-POM material used in this study, recently developed by 
DuPont as STlOO, is reportedly one of the toughest of all 
polymer systems (43-47). Furthermore, the addition of 
rubber dramatically improves the ductility of the otherwise 
brittle, neat polyoxymethylene (POM) such that it can be 
fabricated by such processes as blow-molding and 
thermoforming. 
Although .. very little information has been published on 
STlOO, it can be inferred from the patents [45-47] that 
this polymer alloy contains 25-32% of a polyurethane 
rubber, arranged either as spheres, rods, or in a semi-
interpenetrating network. Reportedly, the most preferable 
choice for a urethane is one composed of 24 weight percent 
methylene bisphenyl isocynate (MDI), 39 weight percent 
butane diol (BDO), and 3 7 weight percent adipic acid 
(ADIP). The matrix material is believed to be the same as 
that used in Delrin 100 (Molecular weight of 70,000). (Neat 
15 
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Delrin is known to posess a very definite core-skin 
morphology when injection molded, with a skin depth of 300 
microns [17,48].) In addition, the presence of the rubber 
is found to slow the rate of crystallization of the matrix, 
thereby resulting in a coarse spherulitic structure [43-
47]. 
In • view of the lack of available information, a 
. . 
program has been conducted to further characterize this 
toughened POM. The first section of this study 
investigates the composition and microstructure of the HI-
POM, with particular attention given to its injection-
molded, core-skin morphology. A subsequent section 
describes the tensile and fatigue response of the material, 
both describing its bulk material behavior, as well as 
generating information on the individual mechanical 
properties of the core and skin regions. 
16 
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EXPERIMENTAL PROCEDURE 
Materials 
r 
The materials tested were commercial grades of 
semicrystalline polyoxymethylene. The neat POM (DuPont 
Delrin 100) and the rubber toughened version (STlOO) were 
supplied in end-gated, injection-molded, rectangular 
plaques, 3.2mm and 6.4mm in thickness. The nominal planar 
dimensions of the plaques were 8cm x 2 0cm and 10cm x 4 0cm 
. ~ 
for the neat and HI-POM materials, respectively. The exact 
thermal histories of the plaques were unknown but were 
reportedly produced under commercial fabrication conditions 
[49] and did not vary between samples tested in this study. 
Dynamic Mechanical Spectra, DSC, and Density 
Dynamic mechanical spectra (DMS) were obtained from 
specimens which were saw cut and hand sanded to dimensions 
of 1cm x 0.5cm x 7cm. Testing was performed in air at 110 
Hz using an Autovibron unit, model DDV-IIIC. Data were 
obtained over a temperature range of -120 to 200 degrees C 
utilizing a heating rate of lC/min. Glass transition and 
melting temperatures (Tg and Tm, respectively) were taken 
.. 
as the values of temperature corresponding to the maximum 
in the major peaks of the tan-delta curves. Tan-delta is 
defined as the ratio of loss to storage moduli (E''/E'). 
d 
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Differential Scanning Calorimetry (DSC) was used to 
confirm the transition temperatures identified by DMS and 
to determine the percent crystallinity of the matrix. DSC 
was performed with a Mettler TAJOOO balance calibrated with 
Indium, on samples hand cut from multiple locations through 
the thickness of the plaques. Analysis was performed on 5-
lOg samples, in air, over a range of -100 to 240 degrees c, 
at a scanning rate of lOC/min. The percent crystallinity 
was determined by comparing the heat of fusion (Hf) per 
gram calculated from the DSC plot with a value of Hf per 
gram for 100% crystalline material. The value of Hf for 
100% crystalline POM was 250 J/g, as noted in the Mettler 
User Guide [ 50]. 
Density measurements were performed by Archimedes 
principle per ASTM D792-66 [51] and measurements were 
evaluated to four significant figures. Samples for testing 
were hand cut from various locations through the thickness 
of the plaques. 
Microscopy 
Polymer morphology was examined on polished and 
treated samples using either a Zeiss foXiomat light optical 
,' 
microscope or an ETEC autoscan scan.ning electron microscope 
(SEM). For the latter, a 10 kV accelerating voltag~ was 
' . 
18 
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used in order to minimize beam damage. Prior to SEM 
investigation, specimens were sputter-coated with gold-
palladium to a thickness of 250 Angstroms. 
Polishing followed standard metallographic procedures, 
and a final polish with 0.5 micron Alumina was found to be 
sufficient. Etching was performed by placing a drop of 70% 
Nitric acid on a sample for 60 seconds. (Alternatively, a 
diluted acid could be applied for a greater duration.) 
Osmium stained samples were prepared by immersion in a 1% 
solution of Osmium teroxide in DMF for 8 hours. All 
treatments were performed at room temperature. The rubber 
morphology was also identified in specimens which had been 
subjected to standard tensile and fatigue tests. These 
fracture surfaces were examined in the un-treated 
condition. 
Microhardness Testing 
Samples for microhardness testing were cut from the 
injection molded plaques, mounted in epoxy to prevent edge 
rounding, and-polished to improve visual resolution of the 
indentations. Measurements were taken at 0.5mm intervals 
across the thickness with the indentors oriented orthogonal 
to the plague faces. A 4 second loading time was 
maintained throughout the testing program, and the 
19 
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indentation lengths were measured within 30 seconds after 
the removal of load. Testing was performed on a Leco model 
M-400FT machine. 
Impressions were made with both Vickers and Knoop 
indentors, with the following relations [52] used to 
evaluate the local compressive stresses involved: 
Vickers Hardness(HV) = P/{Cv*Dl*D2) Cv=.54 
Knoop Hardness (HK) = P/ (Ck*L"2) Ck=.070 
/ 
i 
(1) 
(2) 
where Pis the load in kg, Dl, D2, and Lare the diagonal 
lengths in mm, and Cv and Ck are dimensionless constants. 
150g and 200g loads were used for Knoop and Vickers 
indentations, respectively. 
Mechanical Properties 
Tensile properties were obtained on an Instron screw 
driven tensile machine at a constant crosshead speed of 
12.7 mm/min. Standard ASTM type V tensile bars were 
machined from the injection molded plaques and tested per 
ASTM D638-68 .. [ 53]. 
20 
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Fatigue crack propagation studies were conducted as 
per'~ASTM E399-86a [ 54] using an Instron servohydraulic 
closed loop testing machine. Crack length measurements were 
noted either visually via traveling microscope, or were 
inferred from a compliance-based computer program. All 
waveforms were sinusoidal with an R-ratio (min load/max 
load) of 0.1, and all tests were conducted in laboratory 
' 
air at ambient temperature. 
I 
Crack growth rates, da/dN, were correlated with K, 
the stress intensity factor range using the Paris 
relation [2], 
da/ dN=A~Kexp (n) (3)-
where A and n are material constants that depend also on 
test variables such as frequency, mean stress and 
environment.di< is defined [2] as 
(4) 
where Y is a geometrical factor, M"is the range of applied 
' ',, 
stress, and a is the crack length. The majority of fatigue 
testing was performed at 5Hz on WOL samples, for which the 
geometry factor (2] is; 
Y = (2+a/w)*(0.886 +4.64a/w- 13.32(a/w)"'2+ 
-
14.72(a/w)"'3 - 5.6(a/w)"'4)/(1-(a/w)"'l.5) (5) 
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one test was performed at 10 Hz on a SEN sample in 
order to maintain in-plane crack growth. (Since the SEN 
stress field exists only in the direction on the applied 
load, no secondary driving force exists which can permit a 
crack to grow out of plane.) The geometry factor, Y, for 
the SEN configuration [2] is; 
Y = 1. 99- 0.41 (a/w) + 18. 7 (a/w) A2 -
38.48(a/w)AJ + 53.85(a/w)A4 
Nomenclature 
(6) 
yh 
The nomenclature used in this study to identify 
specimen orientation is depicted in figure 4. Directions 
are labelled in a manner which is described in ASTM 
standard E399-86a [54], and planar sections are labelled 
according to standard metallographic practice. For example, 
an injection-molded tensile bar would be loaded along the 
Long direction and the resultant fracture plane would be 
'), 
identified as a Trans plane (provided that the samples 
I.:) 
fractured normal to the injection direction). Note also 
that ASTM E399-86a contains the nomenclature which is used 
to label the various fatigue sample orientations. 
\ 
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Figure 4. 
Nomenclature used to describe the directions and 
planes in injection-molded plaques. 
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RESULTS AND DISCUSSION [ 
Compositional Characterization 
A combination of DSC, OMS, and density experiments 
were performed to further characterize the composition of 
the rubber-toughened material. Figure 5 shows the dynamic 
mechanical spectra for both the neat POM (black) and HI-POM 
(red) • resins. Note that the tan delta curves for both 
materials contain peaks at -65C and 175C, corresponding to 
the Tg and Tm, respectively, of the matrix POM. (This 
matrix Tg corresponds to the Gamma relaxation, consistent 
with the literature [55]; no Beta peak is present.) The tan 
delta peak at at -35C, which is only present in the HI-POM 
material, must correspond to the Tg of the rubber phase. 
These transformation temperatures were confirmed with DSC 
data. This information confirms an investigation into the 
original patents for the material [45-47], which reveals 
that an MDI-BD-Adipic Acid polyurethane with a Tg of -35C 
is highly favorable as the toughening agent. Furthermore, 
the separation of the rubber and matrix Tg peaks in the tan 
delta curve indicates that the rubber is present as an 
immiscible second phase . 
• • 
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Density and DSC measurements, combined with simple 
rule of mixtures calculations, revealed that the HI-POM 
matrix was 50-60% crystalline and contained 20-30% rubber. 
This is consistent with DSC measurements which had shown 
that the neat material was 60% crystalline, and with 
patent information which suggested that the alloy would 
contain 30% rubber by weight. It is not possible to derive 
more exact values for the ratios of these two phases, since 
these calculations are dependent upon the values of density 
ii 
for the rubber and amorphous matrix, and the percent~ 
crystallinity·· of polyoxymethylene, all of which may change 
slightly due to the mixing of the two polymers. Despite the 
inaccuracy in calculations, however, the measured values of 
both the percentage of rubber and the percent crystallinity 
do not vary through the thickness. Thus, any changes in 
properties through the thickness can not be caused by 
changes in composition, and must be purely morphological in 
• • • or1g1n. 
Rubber Morphology 
Examination of both osmium-stained samples and 
fracture surfaces of the HI-POM material revealed the 
presence of a complex, rod-like rubber structure; this 
structure is m~ntioned in the patents [45-47]. It is 
apparent from figures 6-9 that these rubber stringers are 
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(a) (b) 
Figure 6. 
Fatigue fracture surface, at two magnifications, showing 
large rod-like rubber particles in the center 
· of a 6.4mm HI-POM sample. 
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(a) (b) 
I Figure 7. 
Optical micrographs of a longitudinal section of HI-POM 
material, at two maginifications. Sample has been 
polished and stained to reveal the orientation of the 
rubber phase along the direction of injection. 
G 
28 
\ 
( 
/ l • 
. . 
. . 
(a) (b) 
Figure 8. 
Fracture surfaces in HI-POM core fast-fracture region. 
Note alignment of rubber rods (a) along the injection 
dir.ection, and (b) end-on view of the rods. 
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(a) (b) 
• Figure 9. 
Optical micrograph of polished and stained HI-POM samples 
showing (a) alignment of the rubber along the 
longitudinal direction, and (b) the cross-sectional 
holes in the transverse. 
30 
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aligned in the direction of flow, even to the point of 
following lines of turbulence. These micrographs also 
reveal that the diameter of the rubber domains increases 
from o. 3 microns near the edge of the molding, to 3 microns 
at the center. This size increase is caused by the 
decreasing cooling rate gradient through the thickness, a 
phenomenon which also results in a coarser distribution of 
particles at the molding center. 
It has been suggested that in this toughened material, 
the morphology of the rubber and matrix may be an 
interpenetrating network (IPN) [43-47]. However, DMS curves 
for the HI-POM do not show a merging of the two respective 
component Tg peaks, a characteristic feature of IPN 
structures. It is more probable that the thermodynamically 
stable morphology for this blend places the rubber in a 
rod-like arr~ngement, and that injection molding causes 
these stringers to orient themselves in the direction of 
flow, even in the low shear center. 
Core-Skin matrix morphology 
A macrograph of an etched 6.4mm sample (Figure 10) 
clearly reveals the presence of two distinct regions, which 
correspond to the core and skin zone.s. Closer examination 
') 
of the core (Figure 11) reveals that the matrix is 
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Figure 10. 
Micrograph of an etched 6.4mm sample showing the 
spherulitic core,and sheet-like skin regions. 
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• • Figure 11. 
Typical micrograph of spherulites in the core 
of the HI-POM material. 
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spherulitic in nature with the size of the spherulites 
averaging 200 microns. It is interesting to note that these 
spherulites are larger than those in the neat material (50-
100 microns), a consequence of the rubber-induced reduction 
in the rate of crystallization as mentioned by Flexman [43-
47]. Similar reductions in crystallization rates have been 
observed in other immiscible polymer blends, and is 
reportedly controlled by the thermodynamics of mixing 
between the two polymers [56]. Note, however, that the 
addition of rubber particles to other semicrystalline 
systems, such as Nylon, may cause the matrix spherulite 
size to be decreased [57]. 
This spherulitic core morphology is profoundly 
different from the structure of the skin, where a sheet-
like structure is observed (Figure 12). These 2-4 micron 
.. 
thick sheets appear to consist of very small crystalline 
domains bound together by a tight rubber network. The 
formation of this type of structure is presumably favored 
by interaction between the slowly crystallizing matrix and 
the rapidly-cooled, finely-distributed rubber particles. 
Furthermore, due to the injection flow, these sheets are 
stacked parallel to the plaque face, and are subject to 
delamination, as observed in both etched and fractured 
samples. 
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Figure 12. 
Sheet structure of the HI-POM skin revealed in 
(a) fractured and (b) etched samples. 
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In addition, little force is required for mechanical 
action to pry apart these weakly-bonded sheets; therefore, 
Vickers and Knoop microhardness measurements can be used to 
identify the skin region. Figure 13 shows a Vickers trace 
across the thickness of a 6.4mm HI-POM sample. The two sets 
of data correspond to measurements taken from diagonals 
oriented parallel to the plaque face (circles), and normal 
to this direction (X's). (Recall that the microhardness 
numbers are a function of the inverse square of the 
measured lengths.) Close to the center, both the parallel 
and perpendicular measurements are the same. In the skin 
region, however, the perpendicular Vickers diagonal easily 
pushes apart the sheets, and the residual perpendicular 
indentation is observed to be longer than the parallel 
indentation. 
Conversely, the knife-like Knoop indenter slides 
easily between the sheets, leaving a large indentation in 
the parallel direction; penetration across the structure is 
more difficult and results in a short perpendicular 
indentation. Note that for Knoop testing, two separate 
impressions must be made at each location, with each 
impression nprmal to each other. Note also in figure 14 
that the readings close to the center were again found to 
be isotropic. As shown in figure 15, superposition of the 
36 
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Figure 13. 
Vickers microhardness trace across the 
thickness of a 6.4mm HI-POM sample. 
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Knoop microhardness plot across the 
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Figure 15. 
Superposition of a Knoop microhardness trace onto the 
micrograph of an etched 6.4mm HI-POM sample, 
correlating visual depth of skin with 
anisotropy in the Knoop values. 
39 
( 
. . • ' ~ •. · ' 1 
hardness data from figure 14 upon a micrograph of an etched 
{ 
,, 
\ -·-
. - . 6.4mm sample (fig 10) provides excellent agreement between 
J 
changes in the Knoop hardness values and the / 
micromorphology of the blend. 
Correlation between microhardness and microscopic 
analysis reveals that the skin for the the HI-POM extended 
from the surface to a depth of 1200-1500 microns. This 
relatively large skin depth--deeper than the skin in the 
neat material [48]--is a consequence of the addition of the 
rubber, and is independent of plaque thickness. The latter 
finding is to be expected since the plaques were processed 
under similar conditions. 
Prologue to Tensile and Fatigue Testing 
' . 
In order to properly characterize the mechanical 
behavior of the core and skin morphologies, tensile and 
fatigue tests were performed on samples machined from both 
plaque thicknesses, and at orientations both parallel and 
perpendicular to the ID. Since the skin depth was found to 
be 1200-1500 microns, and did not vary between plaque 
thicknesses, 
considered 
the 3.2mm thick 
to represent an 
,·,. 
as-molded samples were ;·) 
all skin structure. 
Alternatively, 6.4mm samples with the outer 1.6mm removed 
from both sides represented core samples. Note-that both 
. 40 
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the "skin" and ••core" samples were both nominally 3.2mm 
thick; this would eliminate the question of whether a 
difference in thickness-related stress-state would affect 
the fatigue results. In addition, 6.4mm as-molded samples 
were tested to represent a material which contained equal 
amounts of core and skin morphologies (50/50 samples). 
In order· to compare the mechanical properties of the 
neat and toughened resins, data fo~ unmodified POM are 
.. ~- ! 
1, 
included in the test results. These data were taken from 
6.4mm thick samples which contained only 12% skin (as 
determined by microscopy) (48]. During both fatigue and 
tensile testing, these samples behaved in an isotropic 
manner. 
Tensile Results 
The tensile test results for both the neat and HI-POM 
resins are shown in Table 1. As expected, the addition of 
the rubber lowers the yield strength for the HI-POM 
material below that for the neat polymer. (The finely 
distributed rubber particles present in the HI-POM serve as 
multiple stress concentrators, and initiate crazing and 
shear banding at reduced stresses [1-4].) Furthermore, the 
stress concentration associated with the large, rod-like 
core particles is greatest normal to their alignment, and a 
41 
,. . 
• • 
.. '•' ,,,, :: .. 
Material 
Neat POM 
HI-POM 
Skin 
Skin 
Core 
Core 
50/50 
50/50 
• 
: .. : . . .. ' •. p 
Loading 
Direction 
Long & Trans 
Long 
Trans 
Long 
Trans 
Long 
Trans 
'• , io '•"' 1 ". 
0-y 
(MPa) 
75.2 
44.9 
44.9 
44.9 
42.1 
43.5 
38.6 
Table 1. 
• 
0-uts 
(MPa) 
75.2 
65-70 
65-70 
44.9 
42.1 
43.5 
38.6 
• 
%Elongation 
5% 
300% 
300% 
25% 
25% 
7% core 
20-100% skin 
7% 
.:=:-·' 
Ten· e data for neat and rubber-toughened 
polyoxy thylene tested at 12.7 mm/min. 
• 
.·, 
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slightly lower yield stress is found in the transverse 
orientations of the core and 50/50 samples. This anisotropy 
is not present in the sheet-like skin zone. 
There is, however, a strong difference in ductility 
between the core and skin of the HI-POM, as shown in figure 
16. The "core" samples fail in a brittle fashion with only 
25% elongation, while the "skin'' is much more ductile, and 
exhibits up to 300 % elongation. In addition, the skin 
region strain hardens from the yield strength of 45 MPa to 
a failure strength of 69 MPa. Not surprisingly, the 6.4 mm 
HI-POM 50/50 samples behave intermediate to the 3.2mm 
"core" and the 3. 2mm skin samples; fracture initiates in 
the brittle core, then precedes out towards the skin which 
necks and exhibits elongations in the range of 7% to 100%, 
depending on orientation. Unfortunately, values for the 
skin elongation are approximate due to scatter in the data 
and problems associated with load shedding. 
The differences in tensile behavior between the core 
and the skin in this rubber-modified, semicrystalline 
system must be related to one of more of the following 
variables: rubber content variations, rubber size and 
distribution, variation in the percent crystallinity, 
and/or crystalline morphology. Recall that compositional 
characterizat,ion for the material revealed that there was 
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Figure 16. 
Typical tensile failures of the core, skin and 
50/50 samples. Note the tentacled fracture 
appearance of the skin, the result of 
delamination of the individual sheets. 
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no variation in either the percent crystallinity or rubber 
content through the thickness; therefore the change in 
properties must be purely morphological in origin. In the 
skin, the fine rubber distribution and non-spherulitic 
matrix structure promote widespread shear yielding, and 
thus macroscopic ductility results; a drawn portion of 
sheet is shown in figure i 7. Furthermore, the application 
of load initiates widespread delamination of the sheets, as 
indicated by the tentacled appearance of the fractured skin 
sample in figure 16. The localized biaxial stress state 
within these de laminated sheets also favors the 
predominance of a diffuse shear yielding mechanism. 
By contrast, the matrix polymer in the HI-POM core may 
well experience a triaxial stress state within the 
voluminous spherulites, thereby facilitating failure 
through macro-crazing around the large, coarsely 
distributed rubber particles. Fractographs of both the 
3.2mm ''core" and the 6.4mm 11 50/5011 samples reveal a penny-
shaped region in the core within which considerable matrix 
drawing had occured (Figures 18 & 19). The appearances of 
both this drawn region and the surrounding zone are 
identical to ·the appearances of regions of stable crack 
growth and fast fracture, respectively, in fatigue 
samples. From this information, this drawn region is 
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Figure 17. 
Ductile behavior of the individual sheets 
within the skin. 
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Figure 18. 
Typical tensile fracture surface in the HI-POM core. Note the penny-shaped macrocraze which initiated 
brittle behavior in the core. 
47 
.. 
•• 
\ 
• Figure 19. 
Demarcation between (a) the drawn material within the 
macrocraze and (b) the plate-like fast-fracture 
region in the core of the HI-POM material. 
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considered to be the initial slowly-grown macro-craze, from 
which catastrophic fast fracture initiated. 
'\ 
Fatigue Behavior 
Typical fracture surfaces from fatigued samples are 
displayed in figures 20-21 and show a definite difference 
in appearance between the core and skin. Core fractography 
(Figure 20) provides evidence of extensive matrix drawing 
in the stable crack growth regime, and a plate-like 
formation in the known fast fracture regime. This plate-
like appearence is also found in the fast fracture regions 
of neat POM samples (58] and indicates a lack of matrix 
deformation. Also note the clear evidence for the large 
rubber particles present in the core region. In the skin, 
fatigue loading is found to delaminate the sheets, with 
increasing severity of delamination associated with 
increasing delta K levels. Furthermore, in the skin, these 
sheets are found to rip out of the sample in an uneven 
fasion, creating a contoured macroscopic fracture 
appearance (Figure 21). The behavior of the skin was found 
to be the same in both orientations. 
Fatigue crack propagation (FCP) data are plotted in 
figure 22. While the HI-POM skin performance is improved 
.. 
over that of the neat resin and is isotropic, the behavior 
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• Figure 20. 
-·----· 4?,Yr 
,- ' 
_/ '-,.,.~ 
Fatigue fractography in the core of the HI-POM material. 
(a) Stable crack-growth region (da/dn = 2x10-5 mm/cycle) 
demonstrating extensive matrix drawing. 
(b) Fast-fracture region with plate-like fracture . 
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Figure 21. 
Crack 
Dir. 
\ 
(b) 
Fatigue fractography in the skin of HI-POM. Note (a) the 
delamination of the individual sheets, and (b) a sketch 
of the contoured macroscopic fracture appearance 
due to uneven ripping of the sheets. 
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Figure 22. 
FCP plots for both the neat and toughened POM materials. 
Inset shows the jagged nature of the HI-POM skin curve. 
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oj the HI-POM core is more complex; the curves for both the 
core and 50/50 samples straddle that for the neat material, 
with the transv~sely loaded sample (TL orientation) being 
inferior. (It is important to note that the curve for the 
50/50 material is is identical to that for the core, 
• indicating that the 50/50 blend properties are dominated by 
the core morphology. In both fatigue and tensile samples, 
the normally ductile skin region only draws under 
conditions that permit it to debond from the core.) The 
anisotropy in FCP behavior is also mirrored in the observed 
crack path; the cracks in the TL samples grew straight and 
in-plane, while the cracks in the longitudinally loaded 
(LT) samples grew straight for a short length before being 
diverted at 90 degrees to the direction of the notch 
(Figure 23). The bending forces present in the arms of the 
WOL samples are blamed for permitting the crack to grow 
.. 
along the weaker longitudinal plane. Therefore, an SEN 
sample, which only applies forces normal to the notch, was 
used to constrain the crack in the core zone to travel in 
a path normal to the direction of rubber alignment. The 
resultant crack path, while nominally along the transvese 
plane, was found to be greatly tortured; much matrix 
drawing was observed. It is important to note that these 
SEN data are consistent with the limited amount of data 
retrieved from the LT WOL samples. 
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Anisotropy in the core of HI-POM highlighted by 
preferred crack paths in oriented samples. 
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In general, it has been found that increased fatigue 
resistance, in polymer systems, is, associated with 
increased toughness (Figure 24). Results from this study 
compare favorably with those reported previously [2,4,59]. 
~. The dissipation of applied cyclic energy into large plastic 
. . . ~· 
or damage zones reduces the potential driving force at the 
crack tip, and reduces the rate of crack growth. In the HI-
~ 
/ 
PO~ skin, several significant energy dissipative mechanisms 
exist: inherent ductility a~sociated with the coordination 
of fine crystalline and rubber phases, and the delamination 
of the loose.ly-bonded sheets. (It is the non-uniform, 
stick-slip nature of this delamination which creates the 
unusual jagged appearence of the skin FCP plot in figure 
22a~)-/Therefore, the HI-POM skin FCP behavior is much 
impro~~d over the neat resin. Note that neither of these 
energy sinks are a function of orientation, and thus the 0 
FCP behavior of the skin material is isotropic. In the 
core, however, the coarse distribution of the rubber 
particles coupled with the large size of the spherulites 
permits only a limited toughening of the semicrystalline 
matrix. The tensile data shows that, while the ductility 
increases, the strength greatly decreases, and the total 
area under t~~ curve (an indication of a material's energy 
absorbing capability) remains the same. 
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Trends in polymer systems showing increased fatigue 
resistance with increased toughness. Delta K* represents 
the stress intensity range requir~d to drive a~crack at 
a given velocity, in this case 7.5xl0-4 mm/cycle (59]. 
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If fatigue crack growth data are plotted r~lative to 
delta G instead of delta K (Figure 25), it can be seen that 
the the TL core behavior is not much different than th,e 
neat. (Note that delta G is the energy release rate, given 
by KA2/E [2], and is a measure of the energetic driving 
force for the crack.) Therefore, in the TL orientation, 
• 
crack growth is dominated by deformation processes within 
/ 
the matrix, with the aligned rubber particles merely 
directing the crack path. In LT core samples, however, the 
rubber rods span the crack plane, and interaction with the 
fracture process is inevitable. In this orientation, a 
combination of rubber rupture, pull-out, and/or a tortured 
path occurs, thereby improving the resistance to crack 
growth. These factors are similar to those found in the 
skin, and thus the LT curve on the delta G plot lies very 
close to the isotropic skin curve. Note that this 
anisotropic FCP behavior in the core follows the same 
trends as exhibited in aligned short-fiber reinforced 
polymer alloys [60-64]. 
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Figure 25. 
A plot of da/dn vs. delta G, the range in energy release 
rate, for both the neat and HI-POM materials. 
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CONCLUSIONS 
A. Rubber-toughened POM forms a distinct core-skin 
morphology when injection-molded. The skin consists of a 
fine distribution of rubber and crystalline regions, 
arranged in 2-4 micron thick sheets. These sheets are 
i 
I 
stacked parallel to the mold wall, and easily delaminate. 
By contrast, the core is composed of 100-300 micron POM 
spherulites which contain 2-4 micron diameter rod-like 
rubber particles. These large rubber particles are aligned 
in the direction of injection flow and are not believed to 
be part of an IPN structure. 
B. The rubber used in STlOO is a polyurethane possesing a 
Tg of -35C. The matrix is 50-60% crystalline and the HI-POM 
.. 
material contains 20-30% rubber by weight, with the ratio 
of the phases being the same in both the core and skin . 
,•. 
·:' 
.. 
c. The skin morphology is ductile due to a combination of 
the fine rubber/matrix structure and a delamination-inducecf' 
biaxial stress state. This superior ductility also accounts 
for improved fatigue resistance. Q 
/", 
' I 
... , l 
D. The HI-POM core morphology is embrittled by.both the 
large rubber particles and large spherulites. In addition, 
the aligned rubber particles weaken the longitudinal 
.. 
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plane, resulting in inferior tensile and fatigue properties 
when samples are loaded normal to the injection direction. 
,, 
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